Reducing the lateral scale of atomically thin 2D devices is crucial not only to realize competitive electronic device applications, but also for reaching the length scales needed for quantum confinement. Thus far, the many 2D heterostructure devices rely on the lithographic patterning of one 2D layer followed by the growth of another in the patterned areas [8][9][10][11]13 . While this 2 technique provides spatial control down to below a hundred nanometers or so, the nature of the lithographic patterning creates atomic defects and contamination. Consequently, the atomic junctions in these heterostructures are not atomically sharp, impacting device performance. Recently, the growth of in-plane epitaxial interfaces between 2D materials has been reported [3][4][5][6][7]12 . Theory predicts 1D electron gas forming at the abrupt and coherent interfaces from an inhomogeneous electric field induced by the difference in the piezo-electric response of the two materials 15 . However, due to the inherent lattice mismatch, the interface must ultimately have misfit dislocations to release the lattice strain. Just as in bulk materials, dislocation formation can be suppressed below a critical film width, where instead the film remains fully strained. To ensure stability against dislocation formation at the strained epitaxial interfaces, at least one lateral dimension in 2D films must be kept below their critical thickness. In the thermodynamic limit, this is calculated to be on the order of several nanometers 16 .
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Here, we report an approach for fabricating coherent 1D channels within 2D heterostructures ( Fig. 1 ). These channels possess sub-nanometer widths and atomically coherent interfaces free of misfit dislocations and dangling bonds. They are created from the pentagon-heptagon pair dislocations whose higher reactivity and mobility allow the Mo and S atoms to be inserted into the dislocations, thus pushing the dislocations upwards and forming 1D MoS 2 channels on their trails.
The dislocation-catalyzed growth is essentially the flat analog of the semiconductor nanowires whose growth from seeded catalysts has played an important role in semiconductor nanoscience. (See Method for sample preparation)
At the conventional MoS 2 -WSe 2 epitaxial junction, the expected interface between the two transition metal dichalcogenides (TMDs) is flat with dislocations at the interface to relax the lattice mismatch ( Fig. 1b and Extended Fig. 1 ). However, inspection with annular dark field scanning transmission electron microscopy (ADF-STEM) shows that, in most cases, 1D MoS 2 channels form at the boundary of the 2D MoS 2 and WSe 2 interface (such as in Fig. 1c and Extended Fig. 2 ). The difference in the atomic number provides high contrast between the WSe 2 template and the newly grown MoS 2 channels (Extended Fig. 3 shows color coded ADF-STEM images that make the lighter Mo and S atoms more visible). Atomic resolution imaging shows that the epitaxial interface between the body of the channel and the host matrix is coherently connected ( Fig. 2a and 2b ). Meanwhile, a pentagon-heptagon (5|7) dislocation (heptagon pointing up) is found at the terminus of all 1D
channels (Fig. 2b). (See Methods for ADF-STEM details)
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The as-grown heterostructures of the TMDs requires strain, due to the bond mismatch to create an epitaxial interface. Applying a geometric phase analysis (GPA) 17 to the ADF-STEM image in Fig. 2a , we are able to elucidate the strain distribution in and around this 1D channel in its 2D matrix, as plotted in Fig. 2c -f (see Extended Fig. 4 and Supplementary Discussion 1 for more details).
For GPA, the WSe 2 lattice parameter was chosen as the reference or zero strain (-.036 corresponds to MoS 2 sheets due to the 3.6% lattice mismatch measured from the electron diffraction in Extended   Fig. 1a ). Along the x-axis, there is significant difference in the strain map between the 2D WSe 2 and 1D MoS 2 , arising mainly from the lattice mismatch (Fig. 2c) . In contrast, the y-axis strain map reveals that MoS 2 has an identical lattice spacing with the WSe 2 ( Fig. 2d) , indicating a high uniaxial tensile strain along the y-direction (See Extended Fig. 5 for detailed strain analysis on a single channel). Therefore, the newly synthesized 1D channel maintains coherency with the WSe 2 matrix and is strain accommodated, which effectively avoids the generation of misfit dislocations along the channel. The shear map and rotation map ( Not only can 1D channels grow from the interfacial misfit dislocations at the heterostructure interface of the two 2D materials, but also from intrinsic 5|7 dislocations implanted within the WSe 2 film. The ADF-STEM image and corresponding ε xx strain map (Fig. 2g ) of a MoS 2 1D channel show that it was formed from an intrinsic catalyst dislocation migrating in the direction of the heptagon (additional information provided in Extended Fig. 6 ). The isolated 1D channel is 70 nm in length and 1.5 nm in width, surrounded by monolayer WSe 2 on all sides, showing a high-aspect-ratio about 47 (length to width).
To understand the catalytic role of 5|7 dislocations, we utilized a reactive force field with newly developed parameters based on DFT calculations and an accelerated MD simulation (details in Supplementary Discussions 2 -4). Our method captures the dynamics of the chemical bonds breaking and reforming, which is difficult to acquire using conventional non-reactive MD simulations. We found that unlike other hexagonal rings, the dislocation core allows the precursor atoms to be inserted, which acts as the driving force for the dislocation-catalyzed growth. The precursors first open the catalyst 5|7 dislocation, which admits the Mo insertion (Fig. 3a) . This step makes S atoms insufficient to finish the dislocation migration, leaving unsaturated dangling bonds in the system, and hence the lattice around the dislocation core reconstructs to find more energetically favorable structures. Afterwards, as more S atoms are absorbed from the environment, the lattice 4 relaxes and forms the next dislocation (Fig. 3b) . While repeating these two key steps, the previously occupied W and Se atoms near the dislocation core have a certain probability to leave the 2D sheet, and those sites are replaced by the Mo and S precursors during the reconstruction and relaxation.
Altogether, the entire process eventually leaves a narrow MoS 2 trail behind it (see Supplementary Discussion 5 and Supplementary movies #1-#7 for more details).
The circles in Fig. 3c indicate the additional Mo and S atoms placed at the dislocation during each migration step of the catalyst. The additional Mo and S atoms contribute to a 1.4% compressive strain in the x-direction within the channels (Extended Fig. 5c ). Since we expect the misfit dislocations in the 2D crystal to direct the growth of the 1D channels, other combinations of 2D materials with the 5|7 dislocation should also be able to produce 1D channels. Extended Fig. 7 1D channels will not form due to the lack of the catalyst dislocations (see Extended Fig. 8 as an example).
For MoS 2 -WSe 2 lateral heterojunction, due to the crystal geometry, the migration of the dislocation has two choices: 30 o to the right or left (blue or red arrows in Fig. 3c ), where the reference lattice orientation is shown as the gray hexagons. MD simulation shows the lateral strain field provides a local restoring force that guides dislocations back towards a straight line along the interface normal, as shown in Extended Fig. 9 . Thus, the dislocation zigzags about a straight line perpendicular to the macroscopic interface and is ultimately oriented in the heptagon direction, as shown in Fig. 3d .
The dislocation movement out of its slip plane (climb 18 ) also occurs in a 3D epitaxial interface, due to the diffusion of vacancies or interstitial atoms. In the bulk, this typically does not produce any major effects. In contrast, misfit dislocations in 2D materials can directly take (release)
atoms from (to) the environment, suggesting persistent climbs that can be used to pattern 1D channels by controlling the precursors. Statistically, 76% of dislocations tend to migrate and form 1D channels under our optimized growth conditions. We find that 18% of them migrate over 20 unit cells in length, and the longest one reaches 80 nm (Extended Fig. 10a ). The length of the 1D channels is strongly affected by the size of the MoS 2 sheets around the WSe 2 triangles, which is mainly determined by the precursor ratio (Mo:S) and the growth time (Extended Fig. 11) . Despite a 5 variety of lengths, more than 90% of the 1D channels have widths that are less than 2 nm, confirming the high accuracy of the dislocation-guided patterning process (Extended Fig. 10b ). We measured an averaged distance between neighboring 1D channels of 10.9 (± 0.9) nm, indicating a density of 92 (± 8) 1D channels per micron along the interface between MoS 2 and WSe 2 (Extended Fig. 10c ). The statistics are taken from the growth condition in Extended Fig. 11b and c, where the MoS 2 surrounding the WSe 2 triangle is micron-meter-sized. However, under the condition that the surrounding MoS 2 sheets grow too much, the catalyst dislocations become unstable and the 1D channels have possibility to branch, which stops the elongation of the 1D MoS 2 (Extended Fig. 12 and 13). The magnified ADF-STEM image (Fig. 4c) shows a region where all catalyst dislocations migrate 30 o to the left forming ~1 nm nanowire arrays with sub-nanometer spacing. Fig. 4d to 4g present the strain maps of Fig. 4c , indicating that dislocations keep their periodicity and orientations after the translation, and the right-side lattice orientation is inherited. We note that in Fig. 4c , short branches appear also on the right side of the original grain boundary, but they have no dislocations at the ends. This can be understood as arising from individual dislocation wandering before they are propelled towards the left by other dislocations, suggesting a strong collective interaction between dislocations that can be used to control the patterning of 1D superlattices. This 1D superlattice formation is commonly observed at low-angle tilt grain boundaries lower than 10 o (Extended Fig. 15 shows another example of the superlattices).
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The dislocation-free 1D MoS 2 and its superlattices we report here expand the options for current 2D material platform. It is also extendable to other 2D materials. The DFT calculation of the 1D MoS 2 channels embedded within WSe 2 presents the type II band alignment that can potentially be used for charge separation (Supplementary discussion 6) . Moreover, the strongly strained 1D
MoS 2 shows a direct band gap (Extended Fig. 16 ), which differs from the indirect bandgap in uniaxially strained 2D MoS 2 thin film 24 . Therefor the 1D channels and their superlattices can potentially apply to monolayer optoelectronic devices for light detection and emission, ultra-short transistor channels for electronics, and emerging the topological properties. Transfer to TEM grids. The sample was coated with PMMA A4 to support the film during the transfer process. To detach the film from the sapphire substrate, the sample was placed in HF solution (HF:H 2 O 1:3) for 15 minutes. After rinsing with DI water several times, the sample was blow-dried and dipped into water -using the surface tension -to release the film from the substrate.
With the film floating on the surface of the water, we applied a QUANTIFOIL holey carbon TEM grid to scoop the film. Afterwards, the TEM grid with samples was baked in vacuum (1 x 10 -7 torr) at 13 350 o C for 5 hours to remove the PMMA. Baking in vacuum is essential because the dislocations will degrade and form holes if baked in air.
ADF-STEM. ADF-STEM imaging was conducted using an aberration-corrected FEI TITAN
operated at 120 kV with a ~15 pA probe current. The acquisition time per pixel was less than 8 milliseconds, but multiple images (10~20) were acquired and cross-correlated afterwards to improve the signal-noise-ratio and reduce the scan noise introduced by the sample drift. Despite the electron beam energy above the knock-on damage threshold for WSe 2 and MoS 2 , the low dose per image, in fact, avoided significant damage from ionization, and we didn't observe obvious knock-on damage.
A 30 mrad convergence angle and a ~40 mrad inner collection angle were used for all ADF-STEM images, whose contrast is proportional to Z γ , where Z is the atomic number and 1.3 < γ < 2.
Therefore, the W, Se, Mo and S atoms can be distinguished easily by this Z-contrast imaging technique. We used the GPA plugin 2 developed for Digital Micrograph, and the detailed process was described below and in Extended Fig. 4. 1) Fourier transform the lattice image: We firstly Fourier transform the atomic resolution images (Extended Fig. 4a ) to the power spectrum (Extended Fig. 4b ). In the power spectrum, the strong Bragg-reflections are related to the unit cell of the crystalline structure of the material.
MD for the growth of a 1D MoS
A perfect crystal lattice gives rise to sharply peaked frequency components, while the broadening of the Bragg spots is due to the local lattice distortion in the material.
2) Place masks: Instead of using a mask covering the entire first Brillouin zone, practically we 3) Calculate the phase image: We convolved each region around reciprocal vector g 1 and g 2 with the masks. Afterwards, we performed an inversed Fourier transform to create a complex image that the phase image was calculated from.
where H g '(r) is the complex image from the inversed Fourier transform, and g is the reciprocal lattice vector where the mask was placed. The phase images corresponding to reciprocal lattice vector g 1 and g 2 were plotted in Extended Fig. 4c and 4d after a renormalization between ±π.
4) Determine the displacement field:
In the presence of a displacement field u, the maximum of the fringes r be displaced by u, and become r-u. In this case, we can write the intensity of Bragg filtered images that were produced by the Gaussian mask at g:
where the A g is the amplitude, and P g is the arbitrary constant phase that can be ignored. From
Eq. (2), we note that the middle term is a phase term that depends on the lattice displacement field u: P " # = −2π/ • 6, which can be calculated by taking inverse of g:
;< P ": # = > + P "; # = ? .
where a 1 and a 2 are the inverse of g 1 and g 2 .
5) Determine the strain and rotation fields: The local distortion of the lattice can be calculated from the gradient of the displacement field and defined as a 2 by 2 matrix: 
The strain is given by the symmetric term ε = : ;
e + e G and the rigid rotation is described by the anti-symmetric term ω = : ;
e − e G . In this paper, the uniaxial strain can be calculated using ε @@ = e @@ , and ε AA = e AA , as shown in Extended Fig. 4g and 4h respectively.
The shear strain field map is shown in Extended Fig. 4i calculated using ε @A = (e @A + e A@ )/2.
The rotation map displayed in Extended Fig. 4j is calculated by ε JKL = (e @A − e A@ )/2.
In Extended Fig. 4k , we cropped the GPA plugin 2 
where E b is the binding energy, f ij C (r ij ) is a switching function, b ij is bond-order term, and r ij is the interatomic distance between atom i and j. We note that Q, α and β , are related to geometries such as equilibrium distances, A and B are related to the energy of attractive and repulsive terms. The radius cutoffs of the switching functions are critical to realistic bond breaking and forming because the functions can cause artificial forces near the failure points [7] [8] [9] .
We obtained the geometric parameters for MoS 2 , MoSe 2 , WS 2 , and WSe 2 from our Density Functional Theory (DFT) calculations by Quantum-Espresso package 10 using Perdew Burke
Ernzerhof (PBE) functional 11 and norm-conserving type pseudopotential 12, 13 . We prepare a rectangular shape cell containing 6 atoms with the periodic boundary condition in x (along the zigzag edge) and y (along the armchair edge) directions. To model each 2D material, the vacuum space of 15 Å in the z direction is inserted to avoid unphysical interactions between periodic images. The energy cutoff for the wave functions is 60 Ry and 11×11×1 grids are adopted for the K space sampling. Table S1 shows the results of the geometric parameters of four different monolayers.
The equilibrium distances between Mo-S and W-S are very similar (2.09 and 2.08 Å from our DFT calculations, respectively). In the REBO forms for MoS 2 , the equilibrium distance between sulfides does not affect the lattice constants of monolayers. We used Q, α and β of S-S for the parameters of Se-Se because Se-Se/S-S interaction are not important for the lattice constants of the monolayers. Table S2 shows the geometric parameters obtained from new REBO force field, which describes the difference between four different monolayers well.
We re-parameterized A and B, which are related to repulsive and attractive terms. We followed the same strategy of the previous study 7 , adjusting radius cut-offs, and rescaling A and B simultaneously to match stress-strain curves of monolayers, which were obtained from our DFT calculations (All conditions are the same as those for geometric parameters). We adjusted the radius cutoffs of the switching functions, f ij C (r ij ) , to match the failure strains, and rescaled A and B in Eq. (5) to match the stresses at 0.1 strains in the y direction. The elastic constants from DFT and REBO are shown in Table S3 and S4. New parameters well describe the relative differences of four different monolayers.
Finally, we extended the code from handling two atom types (Mo-S) to four different atom types (Mo-S-W-Se Table 1) . Periodic boundary conditions were applied to the zigzag direction along the interface of the heterojunction. Perpendicular to the interface, the model has 2 nm spacing between the simulation box boundary and the MoS 2 edge, and 2 nm spacing for the WSe 2 edge from the simulation box boundary. In addition, we set a 10 nm void region in the out-of-plane direction of the 2D material. These margins are large enough to guarantee that MoS 2 and WSe 2 only interact at the interface of the heterojunction.
We applied an interaction between the bottom layer of S/Se atoms and the substrate by using 
where r is the distance from an atom to the surface of substrate; W and P are parameters that relates to the equilibrium distance X = 0.858W and adhesion energy 1.054P per atom. The form is related to the integration over a half-lattice of particles with LJ 12-6 intermolecular potential. In the simulation, we used W=2.3 Å and P = 0.1 eV through our simulations. We chose the adhesion energy as the system is stabilized during the annealing process (See more details in Supplementary discussion 4).
We note that the substrate model is simplified as an infinite wall to prevent the out-of-plane deformation and the penetration of atoms, which is similar to the sapphire substrate we used in experiments.
We applied a number of cyclic annealing processes to study the behaviors of the dislocations.
As a result, the pentagon-heptagon dislocation clearly climbs towards the heptagon direction after hundreds of iterations as shown in Extended Fig. 7 
Supplementary Discussion 4: Annealing process for structural evolution.
A number of cyclic annealing processes with adding or deleting atoms near the dislocation equilibrate the MoS 2 -WSe 2 model, which is an algorithm combining Monte Carlo and Molecular
Dynamics to accelerate the evolutions of the structures. Each of the cycles is composed of 4 stages by using NPT or NVT ensemble: heating, relaxing at high temperature, cooling, and relaxing at low temperature. The periodic condition and NPT ensemble are applied during the 2 nd stage (relaxing at high temperature) to allow the structural relaxation along the junction direction. We have T low =600 K for all atoms, and T high =1100 K for W, T high =900 K for Mo and Se, and T high =600 K for S with 25 ps for the 2 nd stage and 5 ps for the others. Before the 1 st stage (heating) and after the 4 th stage (relaxing at low temperature), conjugate gradient minimizations are applied for 5,000 steps. To simulate the experimental process of depositing Mo and S precursors at high temperature, we add MoS 2 nanoparticles 3 Å above the Mo/W plane over the dislocation with random variations less than 1.0 Å in both lattice directions, which allows both simulation efficiency and natural reaction between the nanoparticles and the MoS 2 -WSe 2 heterojunction to be possible.
After every annealing process, we estimate a position of the next Mo for the most spacious region. When an estimated Mo position is located 2.4 Å away from the Mo/W atoms, the precursor nanoparticle (MoS 2 ) is added on the top of the system for the next cycle. The S 2 or S 4 is added based on the total number of sulfur and selenium atoms. After the 2 nd stage, we check the out-of-plane displacements of atoms, and delete S/Se above 3.0 Å and Mo/W above 1.5 Å away from the Mo/W 22 plane. We note that all these processes are setup to accelerate the reactions without forcibly forming bonds or other structures. The result confirms the generation of a straight 1D channel from the catalyst 5|7 dislocation with atomic thickness and reveals the physics behind the growing process in atomic scale. To predict whether the approach can be applied to other TMDs, similar annealing process was conducted during the simulation in WS 2 -WSe 2 and MoS 2 -MoSe 2 as well.
Supplementary Discussion 5: 1D MoS 2 channels step-by-step formation
Extended Movie #1 shows how the precursor nanoparticle (MoS 2 ) around the 5|7 dislocation inserts into the lattice and forms an intermediate state (Fig. 3a in the main manuscript) . Although the metal precursor comes with sulfur atoms around, in some cases the sulfurs are released back to the environment due to the lack of the preferable condition. The reaction can occur with different number of sulfur atoms (movie #2: MoS, movie #3: MoS 3 , movie#4: MoS 4 ), but it does not occur without sulfur due to the low coordination number of molybdenum atom (the Mo bonded to four local S or Se). In this case, the injection is forbidden, ending with the Mo taking local S or Se out of the system. This is a very localized reduction around the dislocation region, indicating that the catalyst dislocation can't grow 1D channel with little sulfur precursor in the system (movie #5).
Moreover, the precursors away from the catalyst misfit dislocation can't substitute or insert into the original lattice, indicating the highly confinement of this dislocation catalyzed approach (movie #6).
The injection of the metal atom still leaves space for the next coming sulfur atoms to enter and bond to metal atoms, which may involve breaking and reforming bonds. As a result, the misfit dislocation climbs. Supplementary movie #7&8 show the top and side view of how the dislocation climbs up, trying to form the next 5|7 dislocation. In these movies (#7&8), due to insufficient S in the system, the atoms near the dislocation move actively to find energetically favorable configuration.
During this process, some atoms near the catalyst dislocation were pushed out of plane and left the system, and the newly introduced molybdenum or sulfur atoms sometimes substitute the original tungsten or selenium. We note only atoms near dislocation can be substituted.
We also found that the ratio between the precursors (Mo:S) is critical to stabilize the growth in MD simulation and form perfect 5|7 dislocation, which is consistent with the key factor of growth condition in the experiment. Sufficient sulfur should be provided to form perfect 5|7 dislocation for the stable and long growth. However, too much sulfur would take too much pre-existing metal atoms out before forming the next dislocation. We also found the same mechanisms with other combination We summarized and simplified the entire process into four main steps:
1) Insertion of Mo and S precursor atoms at the 5|7 catalyst dislocation.
2) Reconstruction of the hexagonal lattice from the pentagon involving the new sulfur and molybdenum atoms and breaking other bonds.
3) Relaxation of the structure to form the next 5|7 dislocation, during which some localized replacement of WSe 2 occurs by Mo and S.
4) Repeat the process (1)- (3) to form 1D channels. (± 8%) of the dislocations tend to migrate and form 1D channels. Errors reported are twice the standard error of the mean. Overall, we ran more than 10 growth rounds and prepared more than 20 TEM samples. We see 1D channels in all the samples. Our statistics of the length, width, and neighboring distance are from ~150 1D MoS 2 channels.
